Transients in plastic flow behavior and the kinetics of dynamic dissolution of a particles were established via isothermal, hot compression testing of Ti-6Al-4V (Ti64) and Ti-6Al-2Sn-4Zr-2Mo-0.1Si (Ti6242S). For this purpose, samples were preheated at a low subtransus temperature at which the volume fraction of a was~0.90, heated at a fixed rate to one of two higher temperatures, held for a time between 0 and 900 seconds, and then upset to a 2:1 reduction using a strain rate of 0.01, 0.1, or 1 s À1 . For a given alloy, test temperature, and strain rate, the flow stress decreased with increasing hold time. The observations were interpreted in terms of various models of plastic flow and microstructure evolution. The plastic-flow behavior of the two-phase microstructures was analyzed using approaches based on isostrain (upper-bound), self-consistent (SC), and isostress (lower-bound) approaches coupled with the measured (transient/ non-equilibrium) phase fractions/phase compositions. The isostrain and SC methods both provided reasonable estimates of the observed flow stresses; the isostress method greatly under-predicted the measurements. Microstructure models comprised diffusion-based analyses of the dissolution of a particles into the b matrix both statically (during heating to test temperature and holding prior to deformation) and dynamically (during deformation). Static dissolution predictions showed good agreement with measurements. A comparison of static and dynamic dissolution behaviors revealed that concurrent deformation led to an enhancement of diffusion rates by a factor of approximately 8 or 4 for Ti64 and Ti6242S, respectively.
I. INTRODUCTION
THE thermomechanical processing of metallic materials is often characterized by transients in temperature and strain rate. These variations may arise from workpiece-tooling interactions, interface friction, equipment design, etc. [1] [2] [3] For example, the conventional forging of hot metal between cooler dies can give rise to substantial temperature decreases at the surface and within the workpiece due to so-called ''die chill''. The extent of heat loss is a function of the initial temperatures of the workpiece and tooling, the interface heat transfer coefficient, contact pressure and time, etc. In turn, the contact time depends on the type of press (or hammer), usually being relatively short or long for screw/mechanical presses and hydraulic presses, respectively. Strain-rate variations at given material points may arise from metal flow as affected by die and preform design, die chill, and equipment characteristics such as ram deceleration at the end of the stroke during forging in mechanical presses.
In contrast to die chill, die-workpiece friction tends produce localized heating at the interface whose magnitude varies with interface pressure, metal flow, etc. Two broad extremes in frictional heating are typically encountered in deformation processes. The first consists of that associated with operations such as forging, extrusion, rolling, etc.; its extent is usually mitigated by the use of lubricants. More substantial (and desirable) frictional heating forms an integral part of solid-state joining processes (SSJ) such as inertiaand linear-friction welding. [4] [5] [6] [7] In these latter cases, the heat generated by relative rotational or translational motion at the interface between two components to be joined results in local softening and upsetting under the action of a superimposed force normal to the interface. The compressive deformation expels impurities (contained within flash) from the interface, thereby bringing clean metal into contact and effecting bonding. In SSJ operations, the rate of heating is usually of the order of 10 2 to 10 3 K/s (10 2 to 10 3°C /s), and strain rates are generally in the range of 0.2 to 1 s À1 at the interface, but can be substantially higher (~10 3 s À1 ) in the flash. [8] [9] [10] [11] [12] [13] [14] [15] The simulation of deformation processes involving temperature and strain rate transients places stringent demands on the nature of constitutive relations required as part of the input material database. This information is usually obtained from nominally-isothermal, hot compression or torsion tests performed under constant strain-rate conditions. [16] Such data cannot describe the evolution of metastable microstructural features (such as phase fraction/compositions, grain size, etc.) and concomitant plastic-flow response for large departures from nominal test conditions, however. [17] To overcome this limitation, alternate types of mechanical tests are sometimes performed. These include ''on-heating'' or ''on-cooling'' experiments comprising preheating (and soaking) at a specified temperature, rapid heating or cooling, respectively, to another temperature, followed immediately by deformation. [18] [19] [20] [21] [22] [23] [24] [25] By this means, the broad effect of thermal transients on hot ductility, flow stress, etc. have been deduced.
The effect of temperature and strain rate transients on plastic flow may be expected to be pronounced for alloys with a large fraction of a second phase, e.g., a/b titanium alloys and c¢-strengthened nickel-base superalloys. For a/b titanium alloys in particular, the ratio of the flow stress of the hcp a and bcc b phases at hot working temperatures (for equivalent strain rate) is approximately 3:1. [26, 27] Thus, the retention of a non-equilibrium fraction of low-temperature a phase during rapid heating to a temperature approaching or exceeding that at which a + b fi b (i.e., the b transus temperature, or T b ) could be expected to produce a flow stress considerably higher than that which corresponds to equilibrium phase fractions.
The present work was undertaken to establish the quantitative effects of non-equilibrium phase fractions on plastic flow and the kinetics of the approach to equilibrium during the hot deformation of two typical a/ b titanium alloys, Ti-6Al-4V and Ti-6Al-2Sn-4Zr-2Mo-0.1Si, hereafter referred to as Ti64 and Ti6242S. For this purpose, hot compression tests were conducted on samples soaked initially at a low temperature (at which there was a very large fraction of a), that were then heated to the test temperature and held for various times (prior to upsetting) in order to modify the volume fractions of the two phases. Experimental stress-strain data and microstructure observations were interpreted in the context of isostrain, self-consistent, and isostress plastic-flow models [25, 28] and analyses of dynamic-vsstatic dissolution of a metastable second phase. The present work complements a recent effort whose objective was to describe the supertransus static-dissolution kinetics of a under both isothermal and continuous-heating conditions using Ti64 as the program material. [29] II. MATERIALS AND EXPERIMENTAL PROCEDURES
A. Materials
Two common a/b titanium alloys, Ti64 and Ti6242S, were used to quantify transient plastic flow and second-phase dissolution during hot working. These materials also enabled the determination of the influence of solutes with markedly-different diffusivities in b titanium (i.e., vanadium vs molybdenum) on such behaviors. The Ti64 was from the same lot as that used previously [29] ; it was received in the form of 12.7-mm-diameter hot-rolled bar stock with a measured composition (in weight percent) of 6.33 Al, 4.07 V, 0.19 Fe, 0.16 O, 0.01 C, 0.01 N, 0.0048 H, balance titanium; its T b was 1261 K (988°C). The Ti6242S program alloy was also received as hot-rolled bar (with a diameter of 15.9 mm). Its composition (in weight percent) was 5.94 Al, 1.96 Sn, 3.83 Zr, 1.95 Mo, 0.07 Si, 0.02 Fe, 0.14 O, < 0.01 C, < 0.01 N, 0.0016 H, balance titanium; and its T b was 1275 K (1002°C).
To eliminate the majority of remnant (unspheroidized) lamellar a and thereby develop a microstructure of equiaxed a in a matrix of b, each lot of material was given an initial heat treatment comprising 4 hours at 1227 K (954°C) (for Ti64) or 1247 K (974°C) (for Ti6242S), followed by furnace cooling. At the pre-soak temperature of 922 K (649°C) used in subsequent experiments, the microstructures of Ti64 and Ti6242S thus contained equiaxed-a particles (dark, equiaxed phase in backscattered electron images) with an area fraction of 0.90 or 0.93, respectively, and average (circle-equivalent) diameter of 9.52 or 10.54 lm, respectively ( Figure 1 ). Furthermore, both materials had relatively weak a-phase textures, as exhibited by 0001 pole figures determined via EBSD across the entire diametral section of each alloy ( Figure 2 ). For these textures, the Taylor factors for axisymmetric hot deformation (assuming a ratio of critical resolved shear stresses for basal hai, prism hai, and pyramidal hc + ai slip to be 1:0.7:3) were estimated to be 4.12 (Ti64) or 3.95 (Ti6242S).
B. Experimental Procedures
Isothermal, hot compression tests were performed to determine stress-strain curves and the kinetics of dynamic dissolution for microstructures consisting of initial, non-equilibrium volume fractions of equiaxed a. For this purpose, a number of cylindrical samples, each measuring 10-mm diameter 9 15-mm height, were machined from bar stock, which had been heat treated as described in Section II-A, and then coated with a glass frit which melted and served as a lubricant during compression.
Initially, each sample and silicon-nitride compression tooling (mounted in a 250 kN servohydraulic mechanical-testing system) were induction heated using an iron-chromium-aluminum susceptor to 922 K (649°C) and soaked for 10 minutes. Because the samples had been furnace cooled during initial heat treatment of the bar stock, this operation gave rise to relatively-small changes in the volume fraction of equiaxed a (~0.01 to 0.03), and thus served primarily to equilibrate the sample/die-stack temperature in a range for which the temperature dependence of the equilibrium a fraction was small for both alloys. [26, 30] Following the initial equilibration step at 922 K (649°C ), the test sample and die stack were heated at a constant rate of 2.8 K/s (2.8°C/s) to the compression test temperature, held for a time of 0 to 900 seconds, upset to a 2:1 reduction (average axial height straiñ 0.7) at a constant true strain rate of 0.01, 0.1, or 1 s À1 , and then water quenched within~1.5 s ( Figure 3 ). The test temperatures were 1172 K or 1227 K (899°C or 954°C ) for Ti64 and 1200 K or 1247 K (927°C or 974°C) for Ti6242S, which corresponded to those at which the equilibrium volume fractions of a were equal to~0.6 or 0.25, respectively, for both alloys (Figure 4 (a) [26, 30, 31] ).
A second set of test samples which had been subjected to an identical heating ramp and various soak times at peak temperature prior to water quenching were also produced to document the microstructures developed during the heating transient alone.
The uniformity of test sample/die-stack temperature during the heating ramp was verified by two methods. The first utilized temperature records from thermocouples attached to the outer diameter and center locations at the mid-height of a test cylinder. These measurements revealed that the center temperature lagged the surface temperature by approximately 1.5 K (1.5°C), but this difference was eliminated within~2 seconds of the instant at which the surface first reached the set-point temperature. The second, microstructure-based, method involved quantitative metallography (described below) to determine the area fraction of a at various locations (i.e., top, mid height, bottom) along both the central axis and outer diameter on axial cross sections of samples that had been heated to test temperature and then immediately water quenched. Such observations showed no systematic variation in area fraction and thus negligible differences in temperature upon reaching the test temperature.
Selected strain-rate jump tests (0.01 M 0.03 s À1 ) were also performed for Ti64 to determine values of the strain-rate sensitivity of the flow stress (m) and thus provide insight into the deformation mechanism at low strain rates.
Load-stroke data from the compression tests were reduced to true-stress-true strain curves assuming uniform deformation and correcting for test-machine compliance; compressive stresses and strains are reported herein as positive quantities. The neglect of friction was estimated to lead to maximum errors in flow stress of the order of 3 pct for the sample geometry and height reduction used in the present work. [32] After testing, each sample was sectioned axially and prepared using standard metallographic procedures prior to imaging in an FEI Quanta scanning electron microscope (SEM). SEM settings consisted of an accelerating voltage of 20 kV, working distance of 10 mm, spot size of 5, and aperture size of 30 lm. In all instances, backscattered electron (BSE) micrographs were taken at magnifications of 500 to 2000 times, and the area fraction of a was determined by point counting on 2 to 4 images (superimposed with~3000 grid intersections). In BSE of a/b titanium alloys, a appears darker, and the matrix (transformed) phase developed during quenching (which had been b at high temperature) is lighter. The uncertainty in area-fraction measurements was estimated to be approximately ± 0.02. The number of a particles per unit area was also determined manually for samples presoaked at 922 K (649°C) followed by water quenching as well as other selected samples. By this means, the average two-dimensional (2D) circle-equivalent diameter was estimated per the approach described in Reference 33. Wavelength dispersive spectroscopy (WDS) was performed using a Cameca SX-100 electron microprobe to quantify the magnitude of concentration gradients developed during transient heating/deformation. This equipment was operated at an accelerating voltage of 15 kV, beam current of 15 nA, and aperture size of 150 lm. Based on previous experience, [29] the reliability of the measurements for the substitutional alloying elements was estimated to be~0.2 to 0.3 wt pct.
III. RESULTS
The principal results of this investigation consisted of measurements of plastic-flow response and microstructure observations.
A. Plastic-Flow Behavior
True-stress-true strain curves for Ti64 ( Figure 5 ) and Ti6242S ( Figure 6 ) showed the typical dependence of flow stress on temperature and strain rate; i.e., the overall magnitude decreased with increasing temperature and decreasing strain rate. More importantly, there was also a noticeable dependence of flow stress on hold time prior to deformation for a given test temperature and strain rate. For Ti64 at 1172 K (899°C) and a strain rate of 0.1 s À1 , for example, the initial stress (at a strain of~0) decreased with increasing hold time ( Figure 5(a) ). As will be shown in Section III-B, flow-curve measurements for samples held at the compression temperature for 900 seconds prior to upsetting were representative of those of material with an equilibrium volume fraction of a and equilibrium phase compositions. As suggested by the measurements, the decrease in flow stress with increasing hold period occurred primarily for times in the range of approximately 0 to 90 seconds. A similar conclusion can be drawn from 0.1 s À1 flow curves for Ti64 at 1227 K (954°C) ( Figure 5 (b)) and Ti6242S at both 1200 K (927°C) ( Figure 6 (a)) and 1247 K (974°C) ( Figure 6(b) ).
The effect of hold time on deformation behavior was quantified by comparing the initial stress at a strain rate of 0.1 s À1 for the various alloys/test temperatures (Table I) . At the lower test temperature for each alloy (at which the equilibrium a fraction was~0.60 for both materials), the 0-s-hold initial stress was~16 or 31 pct higher in comparison to the equilibrium initial stress for Ti64 and Ti6242S, respectively. At the higher of the two test temperatures (at which the equilibrium a fraction was~0.25 for both materials), the 0-s-hold initial stress was~32 or~69 pct higher in comparison to the equilibrium initial stress for Ti64 and Ti6242S, respectively. As shown by these results, therefore, the deviation from equilibrium in terms of initial flow stress was approximately twice as great for Ti6242S in comparison to Ti64. From a qualitative standpoint, this trend may be expected in view of the~6-fold lower diffusivity in b titanium of Mo in comparison to V. [30, 35] Furthermore, the increase in the relative difference between the 0-and 900-s hold-time flow stresses for each alloy as a function of test temperature mirrored the marked variation in the equilibrium phase fractions, and the inability of diffusion during the heating stage to maintain such fractions (Figure 4(a) ).
The flow curves in Figures 5 and 6 also exhibited noticeable flow softening. The magnitude of the softening appeared to increase with increasing strain rate, a trend that may be partially associated with the overall level of flow stress and deformation-heating effects. In addition, the softening appeared to be qualitatively [26, 30, 31] similar irrespective of hold time for a given alloy, test temperature, and strain rates of 0.1 and 1 s À1 . This latter behavior appears to be unusual in light of the hold-time dependence of microstructure/phase composition at the onset of deformation and possible differences in the subsequent evolution of such characteristics due to dynamic dissolution. Hold time and subsequent dynamic dissolution did not appear to affect the deformation mechanism, however, as indicated by m-value results for Ti64 compressed in the strain rate range of 0.01 to 0.03 s À1 (Figure 7 ). For hold times of both 0 and 900 seconds, m varied negligibly with strain and maintained a value of~0.26, indicative of deformation controlled by a dislocation glide/climb mechanism. [34] The sources of flow softening are discussed further in Section IV.
B. Microstructure Observations
BSE images and accompanying point-counting data provided quantitative insight into the extent of both static dissolution (during heating/holding) and dynamic dissolution (during deformation). For example, micrographs for Ti64 samples heated to 1227 K (954°C) ( Figure 8 ) showed substantial reductions in the amount of equiaxed a relative to that at the initial temperature of 922 K (649°C) (Figure 1(a) ). In particular, the images indicated a noticeable amount of static dissolution during both the heating cycle (0-s hold time upon reaching the peak temperature T p , Figure 8 (a)) as well as during additional hold time at T p (Figures 8(b) and (c)). Dynamic dissolution for a sample heated to T p , held 0 second, and then upset to a 2:1 reduction was apparent via comparison of Figures 8(d) and (a). Micrographs for T p = 1172 K (899°C) were similar, albeit the overall amount of dissolution was lower.
The BSE images for Ti64 were also useful in providing qualitative insight into chemical concentration gradients in the b matrix that evolved during both static and dynamic dissolution. For instance, the matrix of the sample heated to T p = 1227 K (954°C), held 0 second, and then water quenched (Figure 8(a) ) exhibited a core that was lighter than surrounding ''mantle'' regions which imaged gray. Such differences in ''Z-contrast'' (Z " atomic number) were associated with the segregation of heavier and lighter alloying elements, respectively, in the b matrix between adjacent, dissolving a particles. For Ti64, the principal element resulting in such concentration gradients was vanadium. Z-contrast differences (and associated concentration gradients) tended to decrease with increasing (static) hold time (Figure 8(b) ), and were completely eliminated for a 900-second hold time (Figure 8(c) ). The concentration gradients noted after short (static) hold times also persisted during subsequent compression (Figure 8(d) ). Additionally, the Z contrast appeared to provide local indications of the level of plastic flow in different regions of the b matrix. In some areas, the matrix deformation appeared to be rather limited, as indicated by nearly equiaxed white/gray areas (e.g., region marked ''A'' in is for a sample that was heated to 1227 K (954°C), held for 0 s, upset to a 2:1 reduction at a strain rate of 0.1 s À1 , and then water quenched. Figure 8(d) ), while it was quite extensive in others (e.g., region marked ''B'' in Figure 8(d) ).
The concentration gradients evident in the BSE images for Ti64 were further elucidated via WDS measurements, examples of which are shown in Figure 9 for vanadium solute profiles at 1227 K (954°C). For each of these measurements, the traverse began and ended within an a particle and crossed through the center of the b matrix. For the two cases involving a 0-s hold without or with subsequent deformation, substantial concentration gradients were observed (Figures 9(a) and (b) ). Furthermore, in both of these instances, the b-phase vanadium concentration at the a/b interfaces was close to the equilibrium value (denoted as C I on the plots) for this temperature (Figure 4(b) ). Slight deviations from the exact value of C I , the apparent lack of a sharp demarcation between the concentration fields in the a and b phases, and the somewhat irregular shape of the vanadium concentration field in the b phase can be ascribed to several sources. These include (i) cross-contamination of the a and b phases at the interface (due to the finite penetration volume of the electron beam) and (ii) the complex 3D shape of the concentration gradient in the b matrix and uncertainty in the sectioning plane through it.
Vanadium concentration profiles for Ti64 samples held 900 seconds at 1227 K (954°C) without or with subsequent deformation (Figures 9(c) and (d)) contrasted with those for the 0-second hold time. In both of these later cases, the composition was uniform and equal approximately to C I throughout the entire b matrix, thus indicating that chemical equilibrium had been reached by 900 seconds.
Microstructure observations ( Figure 10 ) and corresponding WDS measurements ( Figure 11 ) for Ti6242S were similar to those for Ti64. The major differences comprised a slightly-higher degree of Z contrast in the matrix associated with the segregation of molybdenum (whose atomic number is much greater than that of vanadium) and more pronounced composition gradients per se. The latter effect was likely the result of the lower diffusivity of molybdenum (compared to vanadium) in b titanium solid solutions. Despite these differences, noticeable static and dynamic dissolution were evident as shown by a comparison of Figures 10(a) through (c) and (a) vs (d), respectively, for T p = 1247 K. Moreover, Figures 10(c) vs (e) showed similar microstructures for samples soaked 900 seconds without or with subsequent deformation; the apparent absence of chemical segregation after 900 seconds precluded visualization of the deformation within the b, however. In addition, the WDS results for Ti6242S revealed that chemical heterogeneity noted for short dwell time without or with deformation (e.g., Figure 11 (a)) had indeed been eliminated at this T p after a 900-second hold (not shown) or a 900-second hold followed by hot deformation (Figure 11(b) ). Quantitative measurements of the volume fractions of a verified the broad conclusions drawn from the BSE micrographs and WDS data for Ti64 and Ti6242S (Table I) . For all instances shown in the table, the long hold time (900 seconds) led to fractions of a which were essentially identical before and after deformation and equal to those expected from the phase equilibria summarized in Figure 4(a) . By contrast, the values of a fraction for a hold time of 0 second were considerably greater both before and after deformation than those for the corresponding 900-second hold Ti64 and Ti6242S samples. For these non-equilibrium cases, the degree of static dissolution during heating can thus be ascertained by comparison of the quoted preheated-alone values to those at the initial soak temperature (0.90 for Ti64 and 0.93 for Ti6242S) and the equilibrium values for the specific alloy and test temperature. Likewise, the degree of dynamic dissolution was mirrored by the reduction in a fraction relative to the corresponding preheated-alone condition.
BSE images for Ti6242S samples deformed after a 0-second hold time in conjunction with corresponding compression-direction EBSD inverse pole figure (ipf) maps (e.g., Figure 12 ) provided additional insight into deformation within both the matrix phase and the a particles. In the EBSD ipf maps, a orientations within the matrix (comprising an extremely fine, martensitic structure after quenching to room temperature) could not be indexed and thus are shown as black. As for Ti64, the molybdenum-rich, white regions in the matrix in the Ti6242S BSE image (Figure 12(a) ) exhibited a range of degrees of deformation as evidenced by the various aspect ratios. Similarly, a number of the individual a-phase constituents exhibited gradations in color or intra-particle (a/a) boundaries, suggestive of measurable local deformation, in the corresponding EBSD ipf map ) are for samples that were heated to 1247 K (974°C), held for (d) 0 s or (e) 900 s, upset to a 2:1 reduction at a strain rate of 0.1 s À1 , and then water quenched.
( Figure 12(b) ). Exceptions to this latter trend were observations for particles having a [0001] (hard) orientation parallel to the (vertical) compression direction, which are red and almost uniform in color. Several examples are labeled as 1, 2, and 3 in Figure 12(b) . Their locations are also indicated in the BSE image (Figure 12(a) ). Detailed examination seemed to suggest that these particles were surrounded by equiaxed a with softer orientations and matrix phase whose level of deformation varied spatially. Despite the complexity of such microstructures, the a-phase Taylor factors for the 0-second hold,/0.1 s À1 Ti6242S samples after compression (4.05 to 4.10) showed little change relative to that of the un-deformed material (3.95).
Finally, measurements of the number of particles per unit area (N A ) mirrored the dissolution observations in some, but not all, cases. For Ti64 samples tested at 1227 K (954°C) with a 0-second hold time (Table II) , for example, N A decreased during deformation at 0.01 s À1 , likely an indication of the disappearance of the smallest particles in the distribution. By contrast, N A appeared to remain relatively unchanged at the two higher strain rates (0.1 and 1 s À1 ) for which the amount of dissolution was less. The measurements for Ti64 samples held 900 seconds prior to deformation at 1227 K (954°C), at which an equilibrium volume fraction had been achieved during the hold, all appeared to show an increase in N A , possibly indicating a small amount of particle fragmentation, but which was more likely a result of experimental error.
IV. DISCUSSION
The experimental observations were interpreted in terms of various models of plastic flow and diffusion-controlled dissolution kinetics.
A. Modeling of Plastic Flow

Approach
The plastic flow of the a/b titanium alloys Ti64 and Ti6242S under transient hot-working conditions was modeled using isostrain (upper bound), isostress (lower-bound), and self-consistent (SC) approaches. Each method relied on the constitutive (stress r-strain rate _ e) response of the individual a and b phases, which were described using the engineering relation:
Here, k denotes the strength coefficient, m is the strain-rate sensitivity of the flow stress (as above), and the subscripts i refer to the a or b phase. The temperature (T) and composition dependence of the strength 
in which K¢ and K describe the composition dependence, n (= 1/m) is the stress exponent of the strain rate, Q is an apparent activation energy for plastic flow, and R is the gas constant (8.3145 J/mol K).
For the a and b phases in Ti64, the various material parameters were obtained from Reference 26. These included n a = 4.6, n b = 4.2, Q a = 273 kJ/mol, and Q b = 160 kJ/mol. [26] The coefficient K a (when stress is expressed in the units of MPa) was taken to be a function of the Al concentration in the a phase (in weight percent, w/o), i.e., log 10 K a ¼ 0:37 Â Al À 3:375: ½4
The value of K b was a function of the so-called vanadium equivalent, V eq in the b phase:
þ 0:555 V eq À 1:483: ½5b
Per Reference 26, the composition of a was assumed to be independent of temperature (i.e., Ti-7.2Al-2.1V), and the average composition of the b phase was derived using a mass balance based on the instantaneous volume fraction of a (f a ) and the overall alloy composition.
The material coefficients for Ti6242S were identical to those for Ti64 except for the inclusion of an aluminum-equivalent composition (used for K a , Eq. [4] ) and a modified form of V eq (used to determine K b in Eq. [5b]) needed to account for the additional alloying elements, i.e., [27] Al
As for Ti64, the composition of a in Ti6242S was assumed to be independent of temperature (i.e., Ti-6.5Al-2Sn-4Zr-0.35Mo-0.1Si), and the average composition of the b phase was derived using a mass balance based on f a and the overall alloy composition.
In conjunction with the above constitutive relations for the a and b phases and quantitative microstructure measurements (i.e., phase fractions and calculated average phase compositions), the isostrain, isostress, and SC formulations were applied to obtain estimates of the initial stress and the magnitude of flow softening of the two program alloys. For the isostrain model, the strain rate in each phase was taken to be the same as the applied (macroscopic) strain rate, and the aggregate flow stress was calculated as a rule-of-mixtures (volume-fraction-weighted) average of the flow stresses of the two phases determined from the phase constitutive relations. For the isostress method, the phase constitutive relations (with the flow stresses set equal to each other) and the rule-of-mixtures (aggregate) flow stress expression yielded two equations in two unknowns (the strain rate in each phase) whose solution provided the phase/aggregate flow stress. Last, SC predictions of the aggregate flow stress were determined based on f a , the calculated values of k a and k b , and the nomogram in Figure 13 ; the latter was derived in Reference 26 for an average m value for the two phases of 0.23. From this plot, an aggregate strength coefficient (k) and thence flow stress (k_ e m ) was determined. SC nomograms for the ratios of the strain rates in the individual phases were also derived in Reference 26, but are not shown here for brevity.
Comparison of measurements and predictions
Predictions of initial flow stress, strain-rate ratio, and degree of flow softening due to dynamic dissolution were compared to experimental observations for experiments performed at 0.1 s À1 with 0-or 900-second hold times in order to assess the applicability of the three different descriptions of plastic flow.
As expected, the isostrain and isostress formulations yielded the largest and smallest estimates, respectively, of the initial flow stress (Table III) . The corresponding SC predictions lay between these bounds, but were considerably closer to the isostrain values. The isostrain and SC initial-stress predictions also showed relatively-good agreement with measurements (Table III , Figure 14 ). The only noticeable deviation from the observations was found for the Ti6242S experiment It may be hypothesized that the source of the error in this case is related to the texture of the a phase, which comprised the majority (77 pct) of the microstructure under such test conditions, but is not taken into account in the present SC formulation. The exact source of this difference warrants further investigation, however. Predictions of initial stresses from the isostress model showed relatively-large deviations from measurements in all cases (Table III, Figure 14) . Predictions of the ratio of the strain rates experienced by the two phases corresponding to the onset of plastic flow also showed considerable differences between the three modeling approaches (Table IV) . Compared to the equal strain rates postulated in the isostrain formulation, SC predictions of the strain rate ratio (_ e b =_ e a ) lay between approximately 2 (for lower temperatures/larger fractions of a) and 6 (for higher temperatures, smaller fractions of a). The SC trend appears reasonable in view of the~3:1 ratio of the flow stresses of the a and b phases. Under conditions for which there is a large amount of a, for example, accommodation of the imposed strain would likely be borne by the two phases almost equally. By contrast, under high-temperature/ low-a-fraction conditions, the harder a phase would likely act like a non-deforming inclusion in the soft b matrix. The latter conclusion is supported by the observations shown in Figures 8(d), 10(d) , and 12(a) which revealed b-matrix deformation levels noticeably greater than what one may expect for an overall 2:1 height reduction in compression and a particles with a nearly-equiaxed shape. Microstructural insight into the strain/strain-rate inhomogeneity developed in samples held at test temperature for 900 seconds prior to upsetting (e.g., Figure 10 (e)) could not be obtained due to the lack of chemical segregation within the b matrix. Nevertheless, the nearly-equiaxed nature of the a particles after deformation in these instances also suggested that most of the strain was accommodated by the b matrix.
In contrast to the SC predictions, the strain-rate-ratio predictions from the isostress model () 10) seemed to be physically-implausible when compared to the microstructure observations.
Interpretation of the large-strain plastic-flow behavior was complicated by the multiple sources of flow softening, e.g., deformation heating, texture hardening/softening, and dynamic microstructure changes per se. The apparently high-degree of strain partitioning to the b matrix and the similarity of the a-phase Taylor factors for Ti6242S determined before and after deformation suggested that texture hardening/softening (of a) was not a major contributor to flow softening. Dynamic microstructure changes include (i) dynamic dissolution, (ii) substructure evolution within each phase, and (iii) dynamic transformation of a to b which results in a reduction in the volume fraction of a relative to that expected from static equilibrium considerations. The latter mechanism is driven by the mechanical work arising from a reduction of aggregate flow stress during transformation which exceeds retarding influences such as the increase in Gibbs (chemical) free energy. [36] For the present 900-second hold-time experiments, in which chemical equilibrium had been reached prior to deformation ( Figures 9 and 11 ), there were no measurable changes in a fraction after deformation (Table I) . Thus, dynamic transformation (and its associated softening) appeared not to have occurred in the present investigation. Possible sources of the difference between the present observations and those in the literature (e.g., dependence on alloy composition, strain rate, etc.) warrant investigation. Ti64  1172  0  147  157  149  103  Ti64  1172  900  127  123  110  70  Ti64  1227  0  86  97  89  59  Ti64  1227  900  64  66  57  45  Ti6242S  1200  0  187  160  155  124  Ti6242S  1200  900  142  143  135  95  Ti6242S  1247  0  110  118  112  84  Ti6242S  1247  900  65  74  66 The effect of dynamic dissolution on plastic flow was assessed by comparing the magnitude of flow softening in the measured 0-second-hold-time, 0.1 s À1 flow curves (for strains between 0 and 0.7), each value of which was reduced by the flow softening determined for the corresponding 900-second-hold experiment in which dynamic dissolution had not occurred. (This method neglected the slightly different amounts of deformation-heating-induced softening arising from the different levels of flow stresses for each pair of 0-and 900-second experiments.) Measured values of this so-called dissolution-related flow-softening parameter (DRFSP) are listed in Table V , and are compared to self-consistent-model predictions of DRFSP based on the initial and final volume fractions of a and phase compositions. In all cases DRFSP was relatively small, i.e., less than or equal to~20 MPa. For three of the four cases, the measured and predicted values varied by~10 MPa, but showed no trend with regard to one being consistently higher than the other. For the fourth case (Ti6242S at 1247 K (974°C)), agreement was very good. A refined model incorporating a detailed description of strain hardening and dynamic recovery within each phase may provide a better description of large-strain plastic-flow response.
B. Modeling of Static Vs Dynamic Dissolution
Approach
The kinetics of the dissolution of the a phase during heating to/soaking at temperature and during deformation were analyzed using a method identical to that described in Reference 29. As before, the approach was similar to that of Whelan, [37] which was modified to describe the dissolution of an aggregate of particles (rather than a single isolated particle as in the original analysis) with a size distribution that was lognormal in nature. In brief, a particles were assumed to be spherical, with a dissolution rate given by the following expression:
In Eq. [8], R is the particle radius, t is time, D is an effective diffusivity (typically associated with the rate-limiting solute). The (assumed uniform) matrix supersaturation j is defined as follows:
Here, C I , C M , and C P are the solute concentration of the matrix at the matrix-particle interface, the matrix distant from the interface, and the particle at the interface, respectively. For diffusion-controlled dissolution, C I and C P are equal to the equilibrium solute composition in the matrix immediately adjacent to the particle (Figure 4(b) for Ti64 and Ti6242S) and the particle composition, respectively. [37] [38] [39] The composition of a was assumed to be uniform and constant per the present (and past [26, 31] ) experimental observations.
The present dissolution experiments and analysis differed from those performed previously [29] in which attention had been focused on situations involving a pre-soak at a near-transus temperature (at which the equilibrium fraction of a was only~0.25) followed by either continuous heating through the transus or an isothermal supertransus exposure. In most of the former cases, the particles were sufficiently far apart to obviate the need to consider soft impingement (overlapping) of the concentration fields between adjacent particles. In addition to the consideration of both static and dynamic dissolution, the present experiments consisted of a pre-soak at a relatively low temperature (at which the a fraction was~0.9), thus mandating the inclusion of the following mass-balance expression in all of the calculations to account for soft-impingement:
in which Co denotes the overall alloy composition. As before, [29] the starting particle-size distributions (PSDs) at the pre-soak temperature, 922 K (649°C), were taken to be lognormal with a standard deviation of 0.3 times the normalized mean; the mean diameters at this temperature were 9.52 lm (Ti64) or 10.54 lm (Ti6242S). The PSDs were discretized into a series of bins, for each of which dissolution was tracked using Eqs. [8] and [9] , the measured phase equilibria (Figure 4(b) ), and the imposed heating rate [2.8 K/s (2.8°C/s)]. The rate-limiting solutes were taken to be vanadium (Ti64) or molybdenum (Ti6242S) with the following (baseline) diffusivities in b titanium [30, 40] :
Dynamic-dissolution simulations were performed in a manner similar to those for static dissolution. The only major differences consisted of (i) incorporation of estimates of the temperature rise (during the nominally-isothermal compression experiments) into the simulations and (ii) adjustment of the effective diffusivity to match the observed dissolution behavior. The latter modification enabled the determination of the quantitative effect of concurrent deformation on the enhancement of diffusion.
Comparison of measurements and predictions
Predictions of the remaining a fraction during cycles consisting of heating to a peak temperature (T p ) of 1227 K (954°C) (Ti64) or 1247 K (974°C) (Ti6242S), followed by static holding at the respective temperature, showed good agreement with corresponding measurements ( Figure 15 ). In particular, for Ti64, the measured a fractions at two temperatures during heating and a third during a hold at T p agreed well with static-dissolution predictions based on D = D V or D = 1.5 D V , with slightly better agreement for the latter value of diffusivity (Figure 15(a) ). The efficacy of the slightly higher value of D mirrored that found in previous dissolution experiments conducted under conditions involving isothermal, supertransus exposure or heating through the transus. [29] Similarly, a slightly higher value of D Mo than that found before, [30] i.e., D = 1.5 D Mo , gave excellent agreement with the static-dissolution measurements for Ti6242S (Figure 15(b) ). The results in Figure 15 also quantify the magnitude of the deviation from equilibrium during heating and hold at T p via the comparison of measurements/predictions and the corresponding equilibrium phase fractions (broken lines).
The fitting of dynamic diffusivities using dynamic-dissolution measurements at T p = 1227 K (954°C) (Ti64) or 1247 K (974°C) (Ti6242S) is illustrated in Figure 16 . The best fits of these data (indicated by the broken lines) were obtained using D dyn = 12 D V (for Ti64) and D dyn = 6 D Mo (for Ti6242S). Thus, the enhancement of diffusion due to concurrent deformation comprised a factor of 8 (=12/1.5) for Ti64 or 4 (=6/1.5) for Ti6242S. These values of dynamic diffusivity were comparable to those estimated from Fick's first law and measurements of the (V or Mo) solute concentration gradient at the a-b interface (dC/dr)OE R and the average particle shrinkage rate (dR/dt) at the end of deformation, i.e., D eff~À [(C I À C a )(dR/dt)]/[(dC/ dr)OE R ]. [41] Despite this internal consistency, however, the observed enhancement of diffusivity due to concurrent deformation was smaller by approximately an order of magnitude in comparison to that noted for processes such as dynamic precipitation in HSLA steels. [42] 
V. SUMMARY AND CONCLUSIONS
Transients in plastic-flow behavior and microstructure evolution in the a/b titanium alloys Ti64 and Ti6242S were established via experiments comprising continuous heating to a subtransus temperature (T p ), holding for 0 to 900 seconds, and compression to a 2:1 height reduction. The following conclusions were drawn from this work:
(1) For short hold times (~0 to 90 seconds) following heating to T p , flow stresses which are measurably higher than those associated with the equilibrium microstructure (attained at longer hold times) are generated due to the retention of an excess of the harder phase (a). (2) The initial stress observed for compression tests on samples with a non-equilibrium or equilibrium microstructure is well predicted using either an isostrain (upper-bound) or self-consistent (SC) model in concert with appropriate phase fractions/compositions and composition-dependent constitutive descriptions for each phase. Despite the similarity in the predictions of the two approaches, however, microstructural observations utilizing BSE imaging of the concentration gradients developed in the b matrix indicate that substantial strain-rate differences between the phases, which are precluded in the isostrain formulation, are generated during hot deformation. (3) Levels of flow softening during hot working of samples with a non-equilibrium or equilibrium microstructure are similar. Using the equilibrium behavior as a baseline, SC model predictions of the magnitude by which non-equilibrium exceeds equilibrium flow softening (between strains of 0 and 0.7) were within 10 MPa of measurements. (4) Static dissolution of excess a phase during heating as well as holding at T p is well-predicted by a diffusion analysis based on the rate-limiting solute (V for Ti64, Mo for Ti6242S), provided soft impingement of b-matrix concentration fields between adjacent a particles is taken into account.
(5) Concurrent deformation enhances the dissolution of a by a factor of approximately 8 (for Ti64) or 4 (for Ti6242S).
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